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ABSTRACT: Next generation Li-ion batteries will require negative electrode
materials with energy densities many-fold higher than that found in the graphitic
carbon currently used in commercial Li-ion batteries. While various nanostructured
alloying-type anode materials may satisfy that requirement, such materials do not
always exhibit long cycle lifetimes and/or their processing routes are not always
suitable for large-scale synthesis. Here, we report on a high-performance anode
material for next generation Li-ion batteries made of nanoporous Sn powders with
hierarchical ligament morphology. This material system combines both long cycle
lifetimes (more than 72% capacity retention after 350 cycles), high capacity (693
mAh/g, nearly twice that of commercial graphitic carbon), good charging/
discharging capabilities (545 mAh/g at 1 A/g, 1.5C), and a scalable processing route
that involves selective alloy corrosion. The good cycling performance of this system
is attributed to its nanoporous architecture and its unique hierarchical ligament morphology, which accommodates the large
volume changes taking place during lithiation, as conﬁrmed by synchrotron-based ex-situ X-ray 3D tomography analysis. Our
ﬁndings are an important step for the development of high-performance Li-ion batteries.
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1. INTRODUCTION
Commercialization of the ﬁrst Li-ion batteries in 1991 was
made possible by what people called rocking chair technology,
which utilized LiCoO2 and graphite electrodes.1,2 Twenty-ﬁve
years later, graphite is still used as a negative electrode in the
majority of Li-ion batteries. The success of graphitic carbon
electrodes is attributed to its high electronic conductivity, low
volume change during cycling, and long cycle lifetime.3−5
However, its relatively low gravimetric and volumetric
theoretical capacities of 372 mAh/g and 756 mAh/cm3 limit
the use of graphite in Li-ion batteries for long-range electric
vehicles and many miniaturized portable electronics devices.6
These new advanced applications undeniably require materials
with higher energy storage densities than what graphite can
provide. Among alternative anode materials, tin and its
neighbor in the periodic table, Si, are attractive candidates for
their high Li storage capacity. Sn has theoretical gravimetric and
volumetric Li storage capacities of 990 mAh/g and 1991 mAh/
cm3, while Si has an even higher gravimetric capacity of 3579
mAh/g.6 The volumetric capacities of Si and Sn are
comparable, however (Si volumetric capacity is 2190 mAh/
cm3),8 and this metric is more important than gravimetric
capacity for applications with space constraints (e.g., electric
vehicles, laptops, cell phones, etc.). Although the volumetric
capacities of Sn and Si are similar, Sn has the additional beneﬁt
© 2016 American Chemical Society

of a much higher electrical conductivity than silicon because it
is a metal, making it the ideal choice for Li-ion battery anodes.
Unfortunately, as with many high-capacity anode materials, the
alloying reaction of Sn or Si with Li is associated with extreme
volume changes (∼300%) between the initial and ﬁnal
states.7−14 This expansion is thought to be responsible for
the electrode failure of bulk, micrometer-sized tin and Si
particles after just a few cycles. One signiﬁcant failure
mechanism is crack propagation and pulverization of the active
electrode material leading to electrically isolated fragments that
no longer contribute to the total capacity of the electrode.9,10,15
The above-mentioned cell failure and corresponding short
battery lifetimes represent the main challenge in this ﬁeld, and
this issue has signiﬁcantly delayed the development of highperformance Sn anodes for Li-ion batteries. As a result, despite
the fact that various nanostructured forms of Sn have recently
been shown to signiﬁcantly outperform graphitic carbon in
terms of theoretical capacity,16−18 developing a high capacity
nanostructured Sn anode with good cycle life remains a major
challenge. Even small Sn nanocrystals have been shown to
suﬀer from the deleterious eﬀects of extreme volume changes
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we are interested in micrometer-sized grains of porous Sn.
Therefore, we use parent alloys with high sacriﬁcial element
content (>80 at. % Mg) to promote fragmentation of the NPSn during dealloying. Similar eﬀects have been reported
previously for nanoporous silver (NP-Ag) made by selective
removal of aluminum from Ag−Al parent alloys with
compositions in the range between Ag15Al85 and Ag5Al95 at.
%.35 Material fragmentation and pulverization during dealloying
is caused by the poor mechanical stability of dealloyed
structures when more than 85 at. % of sacriﬁcial Al was
removed,35 and also by the high density of hydrogen gas
released during Al dissolution.35 Similarly, in the present work,
the high content of sacriﬁcial Mg and the large amount of H2
gas released during the selective corrosion of Mg, according to
eq 1, help break up the NP-Sn, resulting in a micrometer-sized
NP-Sn powder after dealloying.

during cycling. For example, a recent transmission electron
microscopy study showed that even extremely small 10 nm
monodispersed Sn nanocrystals undergo pulverization as a
result of Li-induced volume changes.19 However, in some cases,
reasonable capacity retention can be achieved even with
nanocrystal-based electrodes. For example, ∼40 nm Sn
nanocrystals were evaluated as Li-ion battery electrodes,
achieving ∼80% capacity retention over 70 cycles.20 Nanostructures with varying complexities like carbon encapsulated
Sn nanoparticles,21,22 SnO2@C yolk−shell spheres,23 and
carbon Sn composites24 have also shown varying degrees of
success. While some of these more complicated nanostructured
graphene composites and tin oxide materials show improved
cycle lifetimes, pure metallic tin structures still show limited
cycle lifetimes.16−18,25−27
It is clear that nanostructuring tin oﬀers beneﬁts as compared
to bulk micrometer tin powders, but those approaches do not
fully alleviate the damaging eﬀects caused by repeated volume
change during cycling. The next step, in an eﬀort to increase
the cycle lifetimes of tin, may be the development of porous
architectures. While long cycle lifetimes have not yet been
demonstrated in porous tin metal, much work has been done
on other porous alloy-type materials including silicon28−31 and
tin oxide.25−27 Understanding the failures and successes of
those systems can be leveraged, and applied, to the porous tin
under investigation in this study. The volume change in Si
during electrochemical lithiation is comparable to that of Sn,
and various porous silicon architectures have been shown to
increase cycle lifetimes up to 300 cycles.28,31 In addition,
nanoporous tin oxide shows favorable cycling characteristics;
however, porous tin oxides still suﬀer from extremely low ﬁrst
cycle eﬃciencies typically of only ∼40−50% due to the
irreversible conversion of SnO2 to form Sn and Li2O.27−29 Pure
nanoporous tin metal, on the other hand, should have higher
ﬁrst cycle eﬃciencies than SnO2, while also beneﬁting from the
longer cycle lifetimes associated with these porous nanoscale
architectures.
One facile synthetic route to nanoporous metals is
dealloying,32,33 a top-down nanosynthesis technique where
the most chemically active element is selectively removed from
a dense parent alloy using acidic or alkaline aqueous
electrolytes,34−38 often in combination with a bias voltage.39,40
Porosity evolution in tin metal was recently investigated by
Chen and Sieradzki during dealloying of Li−Sn alloys with
various compositions.41 They reported on nanoporous tin with
the standard nanowire-like ligament morphology.41 In our
preliminary work, we have found that nanoporous tin with such
a nanowire-like ligament morphology does not exhibit long
cycle lifetimes when used as an anode material in Li-ion
batteries. As a result, in this work, we aim at developing
nanoporous tin (NP-Sn) with a diﬀerent ligament morphology.
Moreover, our goal is to directly produce nanoporous tin in
powder form, rather than a monolithic piece of nanoporous
metal, so that the NP-Sn powder can be directly integrated into
composite electrodes using commercial battery electrode
processing techniques. Finally, another important requirement
for commercial battery electrodes is that the processing
procedure should be low-cost and easily applicable for largescale synthesis, and we have tried to incorporate those ideas
since the inception of this work.
Mechanically stable, monolithic nanoporous metals are made
by limiting the content of the sacriﬁcial element in the parent
alloy to between 60 and 75 at. %.32,34,36,42 For the present work,

Mg(s) + 2NH4 +(aq) → Mg 2 +(aq) + H 2(g) + 2NH3(aq)

(1)

The dealloying reaction is favorable, as indicated by
calculated changes in enthalpy, entropy, and free energy for
the reaction in eq 1. Values are ΔH = −362.41 kJ/mol, ΔS =
−44.41 J/mol·K, and ΔG = −349.18 kJ/mol. The reaction is
enthalpically downhill, dominated by the enthalpy of oxidizing
Mg to Mg2+. The entropy change is slightly negative, which is
unfavorable. This somewhat counterintuitive fact results
because of the large negative entropy of solvation of Mg2+,
which interacts strongly with water and dramatically reduces
the water entropy. Any release of the ammonia gas can be
neglected because the solubility of ammonia in water is very
high (around 16 M, 33% w/w, or 2.64 mol/100 g of water).
Overall, the reaction is highly favorable, with the large negative
free energy change dominated by the enthalpy of Mg oxidation.
We next consider the viability of large-scale fabrication of
NP-Sn using our method. While the large content of sacriﬁcial
Mg (85 at. %) may seem wasteful, the Mg can be recovered by
Mg electrowinning, an aﬀordable process used to both
electrochemically recycle and extract Mg from its ores.
Moreover, a precursor alloy with 85 at. % Mg is only 54 wt
% Mg, and the cost of Mg per kg is about 1/10th the cost of Sn.
As a result, from a materials point of view, the large content of
sacriﬁcial Mg is not economically prohibitive. Moreover, many
nanomaterials synthesis methods involve high energy and high
cost reagents such as SnCl4. As compared to reagents like this,
the added cost required to recover magnesium is small. While
there are costs associated with all of the processing steps, the
method proposed here appears to be much more scalable than
many nanomaterials synthesis methods.
Here, we thus use these methods to report on a novel NP-Sn
powder made by selective dealloying with ligaments that are
composed of very small Sn grains. We use a Sn−Mg binary
system with composition Sn15Mg85 at. % as the precursor to
this NP-Sn. Using synchrotron-based transmission X-ray
microscopy (TXM), we show that this novel NP-Sn structure
is ideal for accommodating the large volume change associated
with electrochemical lithium alloying. In agreement with those
ideas, we also demonstrate that NP-Sn has attractive energy
storage properties, high capacity, good cycle lifetimes, and
favorable kinetic performance.

2. EXPERIMENTAL SECTION
2.1. Synthesis of Nanoporous Sn Powder. A Sn15Mg85 at. %
master alloy was made by melting pure Sn (1 N, Alfa Asear) and Mg
(1 N, Alfa Asear) at 700 °C in a graphite boat, using a quartz tube
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under argon ﬂow. The Mg content of the precursors used to synthesize
the master alloy was about 10% higher than the desired content to
compensate for Mg evaporation during melting. The metals were
heated to 700 °C, and then the melt was mixed for about 5 min by
repeated mechanical shaking of the graphite boat. The amount of Mg
that evaporated during the melting process was tracked using the loss
of weight of the master alloy. Heating was stopped when the desired
weight loss from the master alloy as a result of Mg evaporation was
achieved (i.e., after evaporation of the excess ∼10% Mg). The assynthesized alloy was brittle and displayed a purple color. In a typical
synthesis procedure, the ﬁnal weight of our Sn15Mg85 at. % parent alloy
was ∼2.5 g, and the corresponding amount of NP-Sn generated during
dealloying was ∼1.1 g. We emphasize that, with respect to scaling up
the processing, the amount of parent alloy (2.5 g) was only restricted
by the size of the graphite boat; the procedure is easily scalable for the
synthesis of a large amount of NP-Sn.
Mg was selectively removed from the above ∼2.5 g of Sn15Mg85 at.
% parent alloy by free-corrosion dealloying in 300 mL of 1 M
ammonium sulfate.43,44 During dealloying, the initially colorless
ammonium sulfate solution turns dark gray or black within a few
minutes as the parent alloy begins to break apart and the powder
disperses in the solution. The color of the solution (dark gray or black)
depends on the exact size of the micrometer-scale NP-Sn powder
grains, and thus on the Mg:Sn ratio. After a few minutes, the dark gray
solution containing dispersed NP-Sn powder was decanted to separate
from the unreacted Sn/Mg parent alloy, and diluted 2× (or more)
with DI water to limit the coarsening of the freshly dealloyed NP-Sn
powder. Another 300 mL of 1 M ammonium sulfate was then added to
the original piece of parent alloy, and the process was repeated
multiple times until the Sn/Mg parent alloy was fully dealloyed.
Powders were collected by simple gravity sedimentation, the diluted
ammonium sulfate solution was decanted, and the powders were
washed several times with DI water until the pH was 7. After being
washed, energy dispersive X-ray spectroscopy (EDS) analysis of the
NP-Sn particles did not show any trace of sulfur (S) from the
ammonium sulfate.
2.2. Electrode Preparation and Electrochemical Studies. The
anode was similar to those used previously for Si, and was made from a
slurry consisting of 66 wt % NP-Sn powder, used as the active
component for Li storage, 16 wt % vapor grown carbon ﬁbers (SigmaAldrich), used as conductive additive, and 18 wt % carboxymethyl
cellulose (Mw = 250 K, Sigma-Aldrich), used as binder.45 The
electrode components were mixed together with water by ball-milling
to obtain a homogeneous thick paste. The slurry was then cast on 9
μm copper foil (MTI Corp), dried at ambient temperature for 1 h, and
further dried at 70 °C under vacuum overnight to evaporate the excess
solvent. The mass loading of the electrode was ∼1 mg/cm2 of active
material. These electrodes were assembled into 2016 coin cells using
lithium metal as the counter electrode, glass ﬁber (Watman) as the
separator, and 1 M LiPF6 in a 1:1 ethylene carbonate/dimethylcarbonate solvent (Sigma-Aldrich) with 5% (v/v) ﬂuorinated ethylene
carbonate (TCI America) as the electrolyte. Half-cell cycling was
studied between 0.07 and 1.0 V (vs Li/Li+) using an Arbin BT-2000.
Electrochemical impedance spectroscopy was carried out on a VSP
potentiostat/galvanostat (Bio-Logic). The impedance measurements
were performed on two-electrode coin cells between 900 kHz and 100
mHz using a 10 mV signal. Impedance data were collected at 1 V after
each deinsertion cycle. A 60 s rest was applied before each impedance
measurement, during which time the voltage of the cell dropped from
1000 to ∼950 mV. The 1C rate is deﬁned as 650 mA/g.
2.3. Structural Characterizations. Powder X-ray diﬀraction
(XRD) was performed in a PANalytical X’Pert Pro operating with
Cu Kα (λ = 1.5418 Å) using a 0.03° step size, a voltage of 45 kV, and a
current of 40 mA. XRD patterns were recorded in the range of 10° <
2θ < 80°. Transmission electron microscopy (TEM) was performed
using a FEI Technai T12 operating at 120 kV. Nitrogen porosimetry
was carried out using a Micromeritics TriStar II 3020. The surface area
was calculated from the adsorption branch of the isotherm between
0.04 and 0.30 P/P0 using the Brunauer−Emmett−Teller (BET)
model. The pore diameter and pore volume were also calculated from

the adsorption branch of the isotherm using the Barret−Joyner−
Halenda (BJH) model. X-ray photoelectron spectroscopy (XPS)
analysis was performed using a Kratos Axis Ultra DLD with a
monochromatic Al (Kα) radiation source. The charge neutralizer
ﬁlament was used to control charging of the sample, a 20 eV pass
energy was used with a 0.1 eV step size, and scans were calibrated by
shifting the C 1s peak to 284.8 eV. Integrated peak areas and atomic
ratios were found using the CasaXPS software. The atomic sensitivity
factors used were from the Kratos library within the Casa software.
Transmission X-ray microscopy was performed at beamline 6-2C of
the Stanford Synchrotron Radiation Lightsource (SSRL) at the SLAC
National Accelerator Laboratory. X-rays at 7 keV were used to perform
nondestructive investigation of the electrode morphology at the nano/
meso scale. The electrodes were washed with dimethylcarbonate
solvent and were dried in vacuum. The electrode samples were then
peeled oﬀ the metal current collector to avoid unnecessary absorption
of the X-rays by the copper foil. The samples were kept in steady
helium ﬂow during the measurement to avoid oxidation by air and to
mitigate heat load from the focused X-ray illumination. Projection
images were collected over an angular range of 180° with a step size of
1°. 3D volumes at about 16 × 20 × 30 μm3 were reconstructed with a
voxel size at 27.3 × 27.3 × 27.3 nm3 using the in-house developed
software package known as TXM-Wizard.46

3. RESULTS AND DISCUSSION
3.1. Microstructural and Phase Characterizations. The
EDS spectra of the parent alloy before and after dealloying are
shown in Figure 1a and b. In Figure 1b, the intense Mg signal
and moderate intensity oxygen signal (likely mostly from
MgO), both observed in Figure 1a, have almost entirely
vanished as a result of the dealloying process. Quantitative
elemental analysis reveals that the residual Mg content in NPSn is below 5 at. %. While quantitative oxygen analysis can be
challenging using EDS because of the low X-ray energy,
qualitative analysis is robust and the data here clearly indicate
that little oxide remains in the dealloyed material.
Figure 1c shows the XRD pattern of the parent alloy before
(black) and after (blue) dealloying. The dominant phase in the
parent alloy corresponds to the Mg2Sn intermetallic compound,
and the calculated Scherrer size of this phase is 60 nm. This
crystalline phase nearly vanishes after dealloying, resulting in
NP-Sn that crystallizes in the standard tetragonal β-Sn structure
(I41/amd space group) matching JCPDS card number 00-0040673. The Scherrer size of the β-Sn is smaller than the parent
alloy, and is calculated to be 30 nm. The small amount of
remaining Mg2Sn present in the ﬁnal product has a calculated
Scherrer size of ∼30 nm, which indicates that any remaining
intermetallic phase is not typical of the starting alloy and may
be trapped in small solvent inaccessible pockets.
The low magniﬁcation scanning electron micrograph (SEM)
in Figure 2a shows the microstructure of the NP-Sn powder
dispersed on a carbon substrate. The as-synthesized particles
have random shapes and sizes in the sub-10 μm range, which
we attribute to the material fragmentation during dealloying.
Mg and Sn form an intermetallic phase with stoichiometry
Mg2Sn corresponding to a composition of Sn33Mg67 at. % (see
Sn−Mg phase diagram in Figure S1). For this work, we
purposefully increased the Mg content from 67% to 85% to
form some nearly pure Mg microdomains in the parent alloy.
Fragmentation of the dealloyed materials into micrometer scale
grains (i.e., into a NP-Sn powder) is then facilitated when these
domains are etched away during dealloying.
The high magniﬁcation SEM of these particles shows that
they are indeed porous (see Figure 2b). While the porous
architecture in the NP-Sn is disordered, a common feature in
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Figure 2. Scanning electron microscopy images of NP-Sn at diﬀerent
magniﬁcations (a−c). Low magniﬁcation image of as-synthesized NPSn powder indicates that it consists of randomly shaped NP-Sn grains
with sizes in the sub-10 μm range. The higher magniﬁcation images
show the porous nanostructure, which consists of 100−300 nm
ligaments and pores.

Figure 1. EDS spectrum of the Sn15Mg85 parent alloy before
dealloying (a). EDS spectrum of NP-Sn after dealloying showing
that the magnesium signal vanishes as a result of the dealloying process
(b). X-ray diﬀraction patterns of the parent alloy before dealloying
(black) and of NP-Sn after dealloying (blue) (c). The dominant
crystalline phase after dealloying is β-tin.

mesopores and macropores. The calculated BET surface area is
19 m2/g. Surface area is an extremely important metric for alloy
type anode materials because formation of the solid electrolyte
interphase (SEI) occurs at the surface, and that surface ﬁlm can
greatly aﬀect the performance characteristics. We speculate that
the surface area of our NP-Sn is nearly optimal, in that the
charge transfer rate is increased by increasing the ﬂux of Li-ions
at the surface, without the risk of extreme amounts of SEI being
formed due to very large surface areas. The average pore size
calculated from the Barret−Joyner−Halenda (BJH) model
using the adsorption isotherm (Figure S2b) is ∼70 nm with a
total pore volume of 0.045 cm3/g. Using that pore volume, the
percent porosity of NP-Sn is estimated to be 25%. As shown
later, this open porous system combined with the granular
ligament morphology is incredibly good at accommodating the
cycling induced volume change of ∼300%, taking place when
the NP-Sn powder is electrochemically alloyed with Li.
3.3. X-ray Photoelectron Spectroscopy. X-ray photoelectron spectroscopy (XPS) was carried out to characterize the
surface of the NP-Sn. The survey scan in Figure S3 indicates

most nanoporous metals,32,35,36,38,39,41,42,47,48 the ligaments
exhibit a granular morphology (see Figure 2c) rather than
interpenetrating nanowire type morphology commonly found
in dealloyed nanoporous metals.32,35,36,38,39,41,42,47,48 The
average ligament diameter varies between ∼100 and ∼200
nm. The small-scale structure of the ligaments was further
characterized by TEM as shown in Figure 3a−c. It can clearly
be seen from these TEM micrographs that the ligaments
consist of clustered ∼5 nm Sn nanocrystals (Figure 3c). This
hierarchical structure is very well suited to accommodating
volume change, and undergoing fast electrochemical reactions
throughout the cycling process.
3.2. Nitrogen Adsorption Experiments. Nitrogen
adsorption experiments were performed to conﬁrm the
presence of porosity in the dealloyed NP-Sn powder. NP-Sn
exhibits a type II N2 adsorption−desorption isotherm, with
hysteresis occurring above 0.6 P/P0 (Figure S2a). This type of
adsorption behavior is indicative of a material with both
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Figure 4. High-resolution XPS spectra showing the Sn 3d region (a)
and the O 1s region (b). XPS has a very shallow penetration depth, so
the presence of both tin metal and tin oxide in the XPS spectra
indicates that the surface of the NP-Sn is covered with only a thin
oxide layer. That layer is likely converted to tin and Li2O during the
ﬁrst lithiation cycle.

Figure 3. Transmission electron microscopy images of NP-Sn at
diﬀerent magniﬁcations (a−c). The images indicate that the ligaments
that are the primary building block of this hierarchical structure, are
themselves porous, and are constructed from small nanoparticles. The
3D interconnections of these ligaments form the secondary pore
structure of the NP-Sn architecture, resulting in a hierarchical porous
architecture.

Mg(OH)2, and MgCO3.53,54 Given the low penetration depth
of XPS, the presence of both metallic Sn and tin oxide in the
XPS spectra indicates that the surface of the material is covered
with only a thin tin oxide layer, which is likely reduced to Li2O
and Sn during the ﬁrst electrochemical cycle.
3.4. Electrochemical Performance. The electrochemical
properties of NP-Sn were evaluated in composite electrodes
consisting of NP-Sn active material, vapor-grown carbon ﬁbers
(VGCFs), and carboxymethyl cellulose (CMC) binder.
Previous studies have shown that VGCFs form continuous
conductive pathways more easily than carbon black nanoparticles, and can even help increase cycle lifetimes of
conversion-type and alloy-type electrodes.45 CMC binder has
also been shown to improve cycle lifetimes of alloy-type
composite electrode, and adventitiously it is also watersoluble.45 This formulation eﬀectively eliminates the need for
n-methyl-2- pyrrolidone, which is an expensive and toxic
cosolvent used in Li-ion composite electrodes.55 Figure S4
shows an SEM cross section of a thick composite electrode
illustrating the interwoven network of carbon ﬁbers. The
network accommodates any further volume expansion of the

the presence of Sn, oxygen, carbon, and magnesium. Figure 4a
shows the high-resolution XPS spectrum of the Sn 3d3/2 and
3d5/2 signals, which are ﬁtted and assigned to three diﬀerent
chemical states. The binding energy of the 3d5/2 peak at 485.4
and 488.0 eV agrees well with metallic Sn49 and SnO2,50
respectively. The peak at 490.2 eV and its pair at 498.7 can be
assigned to SnO3−2 or H2SnO3-type species.51 The surface of
our NP-Sn likely contains insoluble stannic acid related species,
which were produced from the reaction of tin and the acidic
corrosion media. Typically bulk stannic acid is produced from
the reaction of hot nitric acid and tin, so it is reasonable that
some surface species could be similarly created here.52
Figure 4b shows the high-resolution O 1s spectrum, which is
ﬁt with two peaks at 530.0 and 533.3 eV. The peak at lower
binding energy corresponds to oxygen in tin oxide, while the
peak at higher binding energy is associated with MgO,
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Figure 6a shows the capacity versus voltage curves of NP-Sn
collected at 250 mA/g (0.38C). These curves show several
plateaus that are indicative of two phase reactions between
LixSny phases.57 The ﬁrst cycle coulombic eﬃciency (after the
formation cycle) of the NP-Sn based material is 70%, which is
similar to or better than other Sn-based electrodes reported in
the literature.19,22 We also measured the ﬁrst cycle coulombic
eﬃciency at a low current density of 100 mA/g (0.15C) and
found very similar values for the coulombic eﬃciency (67%).
While the ﬁrst cycle coulombic eﬃciency is modest, the XPS
and EDS analyses indicate that only a small amount of tin exists
as tin oxide. The low oxygen content, in turn, indicates that the
total SnO2 fraction in the material is also low. The irreversibility
of the ﬁrst cycle is thus likely a combination of some surface
SnO2 reduction and SEI formation, with the dominant process
likely being SEI formation, as expected for a high surface area
nanostructured electrode material.19,22
Upon further cycling, the coulombic eﬃciency quickly
increases to 97% after three cycles, which suggests that the
SEI layer formed during these ﬁrst few cycles is stable, and that
parasitic side reactions have largely been passivated. It will be
shown in the following section that the porous architecture
enables this NP-Sn material to expand without cracking, which
is a typical failure mechanism that leads to uncontrolled growth
of the SEI layer and ultimately cell failure. In Table 1 we
compare our work to other Sn- and SnO2-based nanostructures.
As we discussed in the Introduction, SnO2 has an extremely low
ﬁrst cycle eﬃciency,27−29 and the improved ﬁrst cycle
coulombic eﬃciency of our NP-Sn (Table 1) illustrates the
beneﬁt of designing tin metal nanostructures (NP-Sn) rather
than SnO2-based nanostructures.
Beyond issues of ﬁrst cycle eﬃciency, Figure 6b shows the
extended cycling performance of NP-Sn at 250 mA/g (0.38C).
A capacity increase during the ﬁrst 5 cycles of 12% from 578 to
658 mAh/g is observed, and is correlated to the decrease in
charge transfer resistance measured by impedance spectroscopy
over the same interval (see Figure 5). Near the 70th cycle, the
capacity reaches a maximum value of 693 mAh/g, and the
capacity only starts to slowly decay after 150 cycles. After nearly
300 cycles, 80% of the maximum capacity remains (555 mAh/
g), which is an excellent demonstration of the practical ability
of this nanoscale architecture to accommodate the volume
change that occurs during alloying. Again, Table 1 illustrates the
excellent cycle lifetime of NP-Sn as compared to other state of
the art nanostructured Sn and SnO2 materials.
We note that most studies only report lifetimes of 100 cycles
or below, while our NP-Sn was cycled 350 times. To make a
more direct comparison with these shorter lifetime tests, a
capacity decay rate was calculated from the data in Table 1. We
deﬁne this decay rate as the total discharge capacity loss,
normalized by the number of cycles (mAh/g/cycle). The decay
rate of our NP-Sn is signiﬁcantly lower than that of other
materials in this table, illustrating again the excellent
reversibility of the NP-Sn. This table is not meant to be an
exhaustive list, but is provided to understand the impact of our
work. For a more extensive list of the cycling performance of
tin, several reviews have been published.17,18
As discussed above, it is believed that the microscopic
morphology of the electrode at the nano/meso scale plays a key
role in the electrochemical cycling and aﬀects the battery
lifetime signiﬁcantly. For direct three-dimensional (3D)
visualization of the battery electrode, we performed transmission X-ray microscopy to examine electrodes recovered

NP-Sn not already accommodated by the porous Sn
architecture.
The electrochemistry of the NP-Sn half-cells was investigated
using galvanostatic measurements. One high current activation
cycle (insertion and deinsertion at 1 A/g or 1.5C) was
performed over the voltage range from the OCV of the assynthesized Sn (2.6−2.4 V vs Li/Li+) down to 0.07 V and then
back up to 1 V. This activation pulse reduces SnO2 on the
surface of Np−Sn, converting it to Sn and Li2O. Pure tin metal
has been shown to catalyze electrolyte decomposition above 1.5
V, however, which leads to premature electrode failure.56
Because the majority phase in NP-Sn is tin metal, the activation
pulse is used to rapidly lower the voltage to prevent the
formation of a thick solid electrode interphase (SEI) layer.56
The ideas discussed above are also conﬁrmed by electrochemical impedance spectroscopy (Figure 5), which shows that

Figure 5. Nyquist plots of the ﬁrst six cycles of a NP-Sn electrode
recorded at 1.0 V after a 60 s rest (a). Charge transfer resistance
calculated from the midfrequency semicircle region of the Nyquist
plots (b). These data show that the charge transfer resistance
signiﬁcantly decreases as the thin tin oxide surface layer on the NP-Sn
is reduced.

the charge transfer resistance decreases signiﬁcantly after the
ﬁrst activation cycle, and continues to decrease during the ﬁrst
5 cycles. The initial drop in charge transfer resistance may be
attributed to the conversion of the poorly conducting SnOx (0
< x ≤ 2) surface layer to a more conductive interphase layer.
The small increase in resistance for cycle 2 is likely a result of
further SEI formation, which will increase the charge transfer
resistance. The decrease in resistance between cycles 3−6 could
be due to increased electrolyte penetration into conﬁned pores,
or restructuring of the porous Sn to increase solvent diﬀusion
or electrical conductivity. Overall, the impedance drops
signiﬁcantly during the ﬁrst cycle, but remains fairly constant
thereafter.
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Figure 6. Voltage as a function of capacity for NP-Sn at a current density of 250 mA/g (0.38C) (a). Red, green, blue, and black traces correspond to
the 1st, 25th, 50th, and 100th cycles, respectively. Capacity and coulombic eﬃciency recorded at 250 mA/g as a function of the cycle number
showing the long cycle lifetime (b). Charge curves are shown in black, while discharge is in blue. One high current activation cycle (insertion and
deinsertion at 1 A/g or 1.5C) was performed over the voltage range from the OCV of the as-synthesized Sn (2.6−2.4 V vs Li/Li+) down to 0.07 V
and then back up to 1 V prior to long-term cycling.

Table 1. Electrochemical Performance Data of Nanostructured Sn and SnO2
material type
NP-Sn
Sn nanoparticles
interconnected SnO2
super lattice
ordered porous SnO2
highly porous SnO2
nanotubes
hollow SnO2
nanostructures

ﬁrst charge capacity
(mAh/g), rate (A/g)

ﬁrst discharge capacity
(mAh/g), rate (A/g)

ﬁrst cycle coulombic
eﬃciency (%)

reversible capacity after n cycles
(mAh/g), rate (A/g)

decay rate
(mAh/g/cycle)

932, 0.100

628, 0.100

67

350, 500, 0.250

0.366

1580, 0.099
1570, 0.600

880, 0.099
676, 0.600

56
43

70, 700, 0.099
100, 600,a 0.600

2.57
0.760b

this
work
20
26

1650,a 0.078
1781, 0.100

800,a 0.078
937, 0.100

48
53

100, 564, 0.391
50, 645, 0.100

2.36
5.84

27
68

1602, 0.100

878, 0.100

55

50, 545, 0.100

6.66

69

ref

a

Indicates value estimated from a published graph. bThe decay rate was calculated from the capacity at the 100th cycle rather than the 200th cycle,
because the capacity increases from ∼600 to ∼650 mAh/g between the 100th and 200th cycles.

from a series of battery cells at diﬀerent cycling stages.58−61 The
resolution of this microscope used to image NP-Sn is ∼30 nm,
so we are only able to image pores above this size. The smaller
pores in the NP-Sn particles are eﬀectively invisible with this
microscope. While TEM could potentially be used to monitor
this smaller porosity, it is limited to thin samples and frequently
without electrolyte. The advantage of TXM is that the large
penetration depth of X-rays allows for full imaging of single
NP-Sn particles that are micrometers thick. Furthermore, the
larger pores (>30 nm) in NP-Sn enable eﬀective electrolyte
accessibility throughout the entire grain, so monitoring these
pores yields information about the electrolyte accessibility into
the bulk of the NP-Sn particles at diﬀerent states of charge.
The 3D renderings of the electrode at three diﬀerent stages
of the electrochemical cycling are shown in Figure 7. The
tomography data in Figure 7a−c show that the micrometersized NP-Sn particles come in a wide distribution of sizes (1−
20 μm), as was previously determined by SEM analysis. Figure
7d shows that the pristine particles consist of an interconnected
network of random meso- and nanopores that arise from the
dealloying process. The magniﬁed views of NP-Sn at various
states of charge (Figure 7d−f) show that both the Li22Sn5 (as
conﬁrmed by XRD in Figure S5) and the delithiated β-Sn
remain porous with interconnected ligaments. Figure 7e is
particularly important because it shows that even in the fully
lithiated state, after a reported ∼300% volume expansion, the
initially detected random porosity and interconnected
ligaments still remain. Several views of these 3D renderings,

at the three diﬀerent states of charge, are provided as movies in
the Supporting Information (M1−M3). These observations
indicate that the porous architecture can accommodate the Liinduced expansion and contraction, while still preserving void
space for electrolyte diﬀusion.
Previous transmission X-ray microscopy studies on bulk Sn
have suggested that the major failure mechanism in tin-based
electrodes is signiﬁcant cracking during charge and discharge,
which exposes fresh tin surfaces that can participate in further
electrolyte decomposition.62 In turn, this insulating SEI layer
increases the cell impedance and decreases the lifetime. In
addition, the carbon electrode matrix signiﬁcantly deforms
during the expansion process, leading to Sn that is electronically
isolated from the conductive matrix.62 Combining the
observation that porosity is retained at both charged and
discharged states in TXM, and the long-term cycling stability,
seems to indicate that extreme volume change is reduced
signiﬁcantly in this system. This observation is in good
agreement with the idea that a porous morphology at the
nano/meso scale provides a positive impact on the battery
cycling lifetime.25−29,31,63
We would like to point out that the material described here
does not achieve the full theoretical capacity associated with the
Li22Sn5 phase, which corresponds to a capacity of 990 mAh/g.
The maximum capacity achieved for NP-Sn is 693 mAh/g. Part
of the capacity is sacriﬁced by limiting the lower voltage cutoﬀ
to 70 mV. Previous studies have shown that underpotential Li
deposition occurs on graphite surfaces at potentials below 70
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Figure 7. Three-dimensional visualization of the nano/meso structure of the Sn electrode at diﬀerent cycling stages. Panel (a) shows the pristine
sample; panel (b) is the electrode recovered after one electrochemical cycle at 1.2 V; and panel (c) shows the fully lithiated sample at 70 mV. Panels
(d), (e), and (f) show the magniﬁed isosurface renderings of the highlighted areas in panels (a), (b), and (c), respectively. The scale of each volume
is indicated in the panels.

total cell capacity. Volumetric energy density, on the other
hand, is an extremely important metric because of the size
limitations in most end-use applications. In comparison to
graphite, tin has a nearly 3-fold higher theoretical volumetric
capacity as compared to graphite.67 The calculated volumetric
capacity of the NP-Sn electrode material shown is 870 mAh/
cm3, which is double the value of commercial graphite slurry
electrodes.6 See Table S1 for details on the volumetric energy
calculations. This increased volumetric capacity could have a
signiﬁcant eﬀect on the reduction in overall size of a full cell
battery.
Finally, the kinetic performance of NP-Sn was investigated
through galvanostatic charge and discharge from 100 mA/g
(0.15C) to 1000 mA/g (1.5C). Figure 8a and b shows that the
charge storage capacity of NP-Sn is nearly independent of rate
between 100 and 500 mA/g (0.15−0.77C), retaining over 93%
of the original capacity at 500 mA/g (0.77C). Even at 1 A/g
(1.5C), 545 mAh/g can be accessed, which is 3-fold higher than
graphite at the same current density.3 We speculate that the fast
kinetics arise from the synergistic eﬀects of the hierarchical
electrode structure. That is to say, the porous Sn powder
consists of interconnected nanograins that are electrically well
connected to the macroporous carbon ﬁber electrode network.
The interplay between that ideal porosity across multiple length
scales and a highly electrically conducting network enables this
NP-Sn system to undergo extremely fast charge transfer.

mV, especially at fast rates, which can negatively aﬀect the cycle
lifetime.64,65 Even with the relatively high 70 mV cut oﬀ voltage,
however, the Li22Sn5 phase is still formed (Figure S5). The
Li22Sn5 phase (2.05 g/cm3) is markedly lower in density than
the β-Sn phase (7.3 g/cm3), and conversion to this phase
represents the largest volume change during the electrochemical lithiation.8 The data presented in this Article thus
suggest that the improved electrochemical performance shown
here is achieved by controlling material properties, and not by
artiﬁcially preventing the formation of Li22Sn5 through control
of the lower voltage cut oﬀ.
Additional capacity reduction also results from the ∼5% of
magnesium that remains in the ﬁnal material, as conﬁrmed by
XRD and EDS (Figure 1). Any addition discrepancies between
the theoretical capacity and our observed capacity must be
assigned to small parts of the material that are electrochemically
inactive, either because they are electrically isolated, or because
the pores are blocked and they are inaccessible to the
electrolyte. Despite these issues, the capacity of 693 mAh/g
achieved in this work represents a near doubling of the speciﬁc
capacity of graphite used in commercial applications.
Even though most works on high-performance battery
anodes concentrate on achieving very high gravimetric
capacities, in practical Li-ion batteries, anode capacities above
1000 mAh/g add very little to the total energy density of the
full battery due to electrode capacity matching considerations.66
As a result, tripling or quadrupling the gravimetric capacity of
an anode material does not lead to the same magniﬁcation in
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■

image, ex situ XRD plot after cycling, and table with
parameters used to calculate volumetric capacity (PDF)
Movie of a 3D reconstruction obtained from TXM of a
pristine single particle before cycling (MPG)
Movie of a 3D reconstruction obtained from TXM of a
single particle after full alloying with Li (MPG)
Movie of a 3D reconstruction obtained from TXM of a
single particle after the ﬁrst discharge to recover pure Sn
from the Li/Sn alloy (MPG)

AUTHOR INFORMATION

Corresponding Author

*E-mail: tolbert@chem.ucla.edu.
ORCID

Sarah H. Tolbert: 0000-0001-9969-1582
Author Contributions
⊥

J.B.C. and E.D. contributed equally to this work.

Notes

The authors declare no competing ﬁnancial interest.

■

ACKNOWLEDGMENTS
The Netherlands Organization for Scientiﬁc Research (NWOThe Hague, Rubicon Grant Dossiernr: 680-50-1214) is thanked
for its ﬁnancial support. Support for this work was provided by
the U.S. Department of Energy (DOE) under award DESC0014213 (structural characterization, electrochemical measurements, electrode fabrication, and some materials synthesis)
and by the UCLA Physical Science Innovation and
Entrepreneurship Fund (additional materials synthesis and
fabrication). Additional support for electron microscopy was
provided by the Oﬃce of Naval Research. Use of the Stanford
Synchrotron Radiation Lightsource, SLAC National Accelerator
Laboratory, is supported by the U.S. Department of Energy,
Oﬃce of Science, Oﬃce of Basic Energy Sciences, under
contract no. DE-AC02-76SF00515. Engineering support from
Dr. D. Van Campen for the TXM experiment at beamline 6-2C
of SSRL is gratefully acknowledged.

Figure 8. Capacity of NP-Sn as a function of cycle number at diﬀerent
current densities (a). Charge data are shown in black, while discharge
is in green. Discharge capacity of NP-Sn as a function of the
deinsertion time (b).

4. CONCLUSIONS
Micrometer-sized grains of nanoporous Sn have been
synthesized through a simple and scalable selective alloy
corrosion method. The ligament morphology in the nanoporous Sn is comprised of aggregated nanoparticles, rather than
the more widely observed interconnected nanowire-like
morphology. When used as an anode materials in a Li halfcell, Sn metal with this porous architecture exhibits long cycle
lifetimes of over 350 cycles. Synchrotron-based ex situ X-ray
tomography was used to examine the origins of the markedly
improved cycling lifetimes. This experiment has led to the
understanding that the novel nanoporous Sn architecture is
preserved in the lithiated state and helps to accommodate the
extreme volume expansion during cycling. Besides the long
cycle lifetimes, good kinetic performance is exhibited by the
nanoporous Sn powder. At a current density of 1 A/g (1.5C),
over 84% of the initial capacity is recovered.
This work thus demonstrates that nanoporous metals are
ideal architectures for alloy-type electrochemical energy storage
materials. This favorable behavior is enabled by the fact that
nanoporous metals exhibit a very good intrinsic electrical
conductivity, and, at the same time, they are able to
accommodate the Li storage-induced volume change.
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